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Plasticity of Semicrystalline Polymers
Z. Bartczak,™ A. Galeski

Summary: Semi-crystalline polymers can be deformed up to a very high strain. The
deformation process involves frequently a complete molecular rearrangement of the
chain-folded lamellar morphology into a more or less chain-unfolded fibrillar
microstructure. This transformation is likely to occur through an intermediate state
of high molecular disorder at a local scale. It led to the formulation of a concept of
strain-induced melting-recrystallization process as a main mechanism of the struc-
ture transformation. In contrast, several structural features occurring at moderate
plastic strains are relevant to strictly crystallographic processes. The plastic defor-
mation process of semicrystalline polymers and the micromechanisms involved
are discussed. A critical discussion of experimental findings is made to point out the
strength or the deficiency of the various argumentations. It is demonstrated that
the crystallographic slip mechanisms, including slips: transverse and along the chains
are the basic deformation mechanisms in the deformation sequence, active at
all strain levels. Direct microscopic evidence of chain slip activity even at well
advanced stages of the deformation process is presented. In contrary, the melting-
recrystallization seems to be restricted to the high-strain stage accompanied by chain
unfolding and perhaps limited to only a small fraction of the crystalline phase. In
addition the experimental results demonstrates clearly that the cavitation, necessary
in the Peterlin’s model, is really unessential in producing high deformation
and appearance of the final highly oriented structure. This can be effectively
accomplished with only crystallographic mechanisms employed. A very important
role in the deformation sequence is played by the partially reversible shear defor-
mation of amorphous interlamellar layers, producing not only high orientation of
amorphous component but also influencing deeply the deformation of crystalline
phase, since both phases are strongly connected and must deform simultaneously
and consistently.
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Introduction

It is well recognized that semicrystalline
polymers consist of lamellar crystals which
are separated from each other by layers of
amorphous polymer and are held together by
tie molecules through the amorphous phase,
see e.g.,[l]. The lamellae are formed from
mostly folded chains. The thickness of
lamellae is determined by the parameters
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such as interfacial energies, glass transition
temperature and melting temperature,
undercooling, segmental diffusivity, etc.
The thickness reported lies usually in a
narrow range between 3 and 20nm as
obtained from observations in various types
of microscopes or calculated from the long
period and degree of crystallinity. It has been
recognized that chain folding is not so regular
as it was thought and molecular packing in
lamellae is subject to considerable and
irregularly distributed disorder depending
on undercooling- regimes of crystallization.

Melt crystallized polymers generally
exhibit a spherulitic morphology; ribbon-like
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crystalline lamellae are arranged radially
in polycrystalline aggregates. Spherulite
diameters are normally in the range of 2-
20m. As a spherulite is growing new
lamellae are originated to fill the volume.
New lamellae are added either to existing
bundles of already grown lamellae or
originate a new bundle. The amorphous
material is incorporated evenly between
lamellae in the amount corresponding to
overall crystallinity. Misfit between bundle
domains arising from their different shapes
are filled with an amorphous material.
Occasionally the lamellae may terminate;
usually, however, once nucleated they
continue to grow until impingement with
neighboring spherulites. New lamellae are
formed mostly by non-crystallographic
branching.

Due to complicated, multi-level
hierarchical structure of semicrystalline
polymers their plastic deformation appears
a complex and multistage process. There-
fore, a complete quantitative description
of plasticity of semicrystalline polymers
requires different approaches at different
scale levels of their structure: micro-, meso-
and macroscopic,?. At the microscopic
level the basic micromechanisms of defor-
mation of crystals and amorphous phase
are considered. The mesoscopic level
includes bending, rotations, translations
and fragmentation or other structural
rearrangements of lamellar stacks or
mosaic blocks, deformation of spherulites,
formation and multiplication of shear
bands, etc. A physical interpretation of
the results obtained in the macroscopic
experiment (stress-strain-strain rate) is
actually impossible without considering
other deformation levels of smaller scale.?!

Complex and multistage processes of
plastic deformation in solid polymers
involve stages that are similar to those in
non-polymer materials, as e.g. generation
of dislocation and their glide along the
planes of crystals. However, these processes
are not identical to the respective processes
in non-polymer structures. Many specific
features of plasticity in polymers strongly
depend on their macromolecular nature.
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One of the most important consequences of
this nature is that both crystalline and
amorphous layers co-existing in a semi-
crystalline  polymer are intimately
connected by strong covalent bonds along
numerous chains crossing the crystal-
amorphous interface (tie molecules, cilia
or loose non-adjacent folds entangling with
other chains in the amorphous phase). Due
to that it is virtually impossible to separate
lamella from the adjacent amorphous layer.
In fact, cavities being usually precursors
of the fracture develop preferentially
inside amorphous layer rather than on
interfaces.’l As a result of such strong
phase connectivity, lamellae and adjacent
amorphous layers can deform only simul-
taneously and consistently. This, in turn,
induces some additional strong deforma-
tion constraints in each phase. Therefore,
the mutual influence of both component’s
deformation each on the other can not be
neglected‘[‘*’sl

There is a number of very good
published reviews on the deformation of
semicrystalline polymers, see e.g.,[2’6"12] yet
a clear and consistent description is still
quite far away. The field is still developing
and many new results were obtained in last
years.[4’13‘32] An excellent reviews were
published recently by Oleinik.>'! The new
results and concepts encouraged to write
this report.

Plastic Deformation of
Semicrystalline Polymers

Plastic deformation of semicrystalline poly-
mers and the mechanisms involved were a
subject of intensive studies in the past
decades.[>¢11 Early studies concentrated
mostly on the uniaxial tension. Later
however, it has become clear that tensile
deformation frequently leads to structural
rearrangement that are characteristic only
for this deformation mode, yet having no
general significance for the interpretation
of major deformation mechanisms.>** For
example, even recently it has been thought
that the transition from the initial lamellar
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to the final fibrillar morphology during the
plastic deformation of PE or other poly-
mers necessarily proceeds via cavitation
processes in the bulk of the sample and
micronecking.**** However, experiments
in compression and shear,[24-2028:33]
demonstrated clearly that cavitation is
specific of deformation of solely uniaxial
tension and is far from being a necessary
condition for appearance and development
of the same fibrillar morphology under
other types of loading.

When a semicrystalline polymer with
spherulitic morphology is loaded either in
tension or compression a deviatoric stress
field causes the spherulite to change shape
in an affine manner at low strains (elastic
range). Yielding, which begins the plastic
deformation, is however, inhomogeneous
within a spherulite,*®! and requires
irreversible shear deformation in both the
amorphous and crystalline regions. Lamel-
lar bundles oriented at 45° to the principal
stress direction experience the largest
resolved shear stress, begin to deform by
interlamellar shear (stretching of the
amorphous regions between crystals) and/
or intracrystalline shear (sliding polymer
chains along planes containing the
covalently bonded molecular axis).
Deformation continues until the original
spherulites are destroyed and transformed
to well oriented microfibrils with transverse
dimensions of the order of 10 nm.3! Large-
strain plastic deformation causes the chain
axis to orient preferentially in the principal
stretch direction.

Due to complex, hierarchical structure
and morphology the process of plastic
deformation of semicrystalline polymer is
also complex and multistage. The deforma-
tion mechanisms are quite complicated and
can diverse at the local scale depending on
the local morphology, which additionally
is modified substantially with increasing
strain by the proceeding deformation. Due
to structure and morphology evolution the
deformation sequence consists of several
stages, involving various micromechanisms,
many of which being identified to be similar
to those known in non-polymer materials.

Copyright © 2010 WILEY-VCH Verlag GmbH & Co. KGaA, Weinheim

The identified basic micromechanisms of
deformation of a semicrystalline polymers
include crystallographic mechanism, like
crystallographic slip, mechanical twinning
or martensitic transformations (stress-
induced phase transformations), all active
in the crystalline phase. These mechanisms
are supported by interlamellar shear,
lamella separation and stack rotations, all
operating in the amorphous phase. These
mechanisms are engaged in a complex
deformation sequence in which particular
mechanisms are activated and terminated
at various strains. Several models were
formulated to describe the full deformation
path. Three most important models: the
Peterlin’s micronecking model,**** the
melting—recrystallization model,?”*¥! and
the crystallographic model, 1689163539 iy
be discussed in the succeeding sections of
this paper.

Deformation of Polymer Crystals

Taking into consideration the yield
behavior of semicrystalline polymers there
are two conflicting approaches concerning
crystals. The first presumes that the process
of deformation is composed of a simulta-
neous melting and recrystallization of
polymer under adiabatic conditions,*”="!
and as less relevant will be discussed later.
The second, so-called crystallographic
approach7[6’39] uses the idea derived from
the classical theory of crystal plasticity.
Bowden and Young in their review published
in 1974, considered in detail the classical
crystallographic (nonpolymer) mechanisms
of plasticity in polymer crystals, and convin-
cingly demonstrated, that the picture based
on classical concepts of nucleation of dis-
locations and their glide along the crystal
lattice agrees well with the behavior of
semicrystalline polymers. This approach
was further developed by Young and other
researchers, (0891635391 A yast experimental
evidence, primarily X-ray data P40
demonstrated clearly that the deformation
of polymer crystals proceeds according to the
crystallographic mechanisms, indeed.
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The plastic deformation of polymer
crystals, like the plastic deformation of
crystals of other materials, is generally
crystallographic in nature and takes place
without destroying the crystalline order.
The only exception to this is a very large
tensile deformation, when cavitation and
voiding lead to unravelling the folded
chains and break down completely the
crystals; new crystals may form then with no
specific crystallographic relationship with
the original structure. 18441 Polymer crystals
can deform plastically by crystallographic
slip, by twinning and by martensitic
transformation. Among these the slip
mechanism is the most important one since
it can accommodate plastic strains much
larger than the other two mechanisms. The
crystallographic slip consist of sliding of
blocks of a crystal one over another along
define crystallographic plane (slip plane) in
the define direction within this plane (slip
direction), as shown in Figure 1. The
geometry of the slip is described by so-
called slip system. The notation for the slip
system is (hkl)[uvw] where (hkl) denote the

T~

Slip
plane

v

Figure 1.
Definition of a slip system: slip plane and slip direc-
tion (SD). Drawn after Ref. [6]
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slip plane while [uvw] is the slip direction
(h,k,Lu,v,w are the Miller indices).

The slippage of crystals is not uniform
and is essentially anisotropic: slips along
some planes (easy slip planes) are much
easier than along others. Generally the easy
slip planes are those of the closest packing,
i.e. of large interplanar distance. In most
cases the slip direction coincides with the
direction of the closest packing in the slip
plane. To preserve the crystal structure
after a deformation, the unit vector of
displacement (slip) must be equal to the
lattice translation vector. Crystallographic
slips are not processes occurring simulta-
neously over the whole crystallographic
plane. They are produced by the glide of a
linear defect or dislocation along the slip
plane. Screw and line dislocations play a
great role in activation and propagation
of a slip.

The slip begins when the shear stress in
the slip direction, T reaches a certain level
that is critical for the given slip system, 7.
Such a stress is referred to as the critical
resolved shear stress. For uniaxial tension or
compression under an applied stress o the
resolved shear stress for a given slip system
is given by,[*):

T = 0 COS X COS A

where x and A are the angles of the slip
plane normal and of the slip direction with
respect to the axial stress o, respectively (cf:
Figure 1). Yielding, i.e. the beginning of
plastic deformation, starts when the critical
resolved shear stress is reached in any
family of planes with low 7,. This can be
accomplished by either an increase of the
axial stress or a decrease of the Schmid
factor, cosxcosh by plane tilting with
respect to the axial stress. Therefore, the
oblique orientation of chains with respect
to the stress is advantageous for activation
of slip and to achieve plastic yielding at a
lower energy cost. In contrary to low
molecular crystals the critical resolved
shear stress in polymer crystals shows
usually a significant dependence on the
stress normal to the shear plane (or
pressure).[>244346-481 " Critical  resolved
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shear stresses of main active slip systems
were estimated for crystals of PE,[?44%-]
Nylon-6,[46] and iPP,[SO"Szl.

When a single slip system operates along
a single plane between two crystal parts,
both of these parts adjust themselves to the
tensile (or compressive) axis - the crystal
experiencing shear rotates with respect to
the loading axis. One part of the crystal
shifts with respect to the other one in such a
way that the structural disturbances would
be minimized and the crystal structure after
the shear would be restored at the smallest
possible distance from the dislocation
core [0 Slip geometry implies that crystal
undergoing single slip rotates relative to the
stress axis (Figure 2), always toward the
direction of the maximum tension.[®] In
the case of uniaxial tension, the rotation
goes in the direction of the tensile axis;
in the case of uniaxial compression, the
rotation is directed away from the compres-
sion axis. Observing such rotations, one can
obtain information on the deformation
micromechanisms involved,[®®%? even at
the very local microscale.

Crystallographic slip processes in poly-
mer crystals demonstrate several features
unique to polymers and reflecting their
macromolecular structure. The most
important one is the restriction imposed
by chain structure for the choice of slip
planes. As crystallographic processes can

a) b)

Figure 2.

not lead to chain ruptures and lattice
symmetry remains intact, the dislocation
glide is possible only along planes that are
parallel to the chain axis. For polymer
crystals, the most typical modes of slip are
the chain slip and transverse slip: the
former realized by the glide along direction
of the chain axis, while the latter by the
glide in direction perpendicular to it, both
in the same plane containing chain axis, as
illustrated in Figure 3. For example, studies
on highly oriented polyethylene revealed
that the (100)[001] chain slip and the
(100)[010] transverse slip, both operating
in the (100) plane are the easiest slip
systems in orthorhombic PE crystals.[*!

As polymer crystals exhibit usually the
folded structure these folds impose another
limitation on the development of crystal-
lographic deformation processes,**!: folds
should not be destroyed during deformation.
For this reason slip is preferred in planes
containing chain folds. Additionally, in
crystals like PE, as glide of dislocation is
realized by motion of twist defects, genera-
tion of such defects is easier for loose folds,
i.e. in crystals of low perfection,[ss]

The slip in lamellae of polyethylene and
other polymers can proceed in two different
ways: in the form of fine (homogeneous) or
coarse (heterogeneous, block) slip.>**! In
fine slip, displacement by one, or more,
lattice vectors occurs practically on every

Rotations of a single crystal undergoing a slip in a single system, 6,8,9: (a) initial crystal, (b) crystal after uniaxial
tension (A decreases), and (c) crystal after uniaxial compression (A increases). A is the angle between the slip
direction and the axis of the stress. Drawn after Ref. [6]
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Figure 3.

F= -

Two types of crystallographic slip in macromolecular crystals: (a) chain slip (longitudinal) and (b) transverse slip.
Arrows denote the direction of the chain translation, Drawn after Ref. [53].

other lattice plane in the crystal, as
illustrated in Figure 4. This type of slip
leads to a change in the angle between the
chain axis and the normal to the lamellar
surface, i.e. to a gradual tilting of chains
in the crystallite with advancing shear
strain. Consequently, the lamellae become
progressively thinner as homogeneous
fine slip advances. In the case of coarse
slip, significant shear displacements appear
only along a few neighboring crystal planes,
so that the slip resembles sliding the crystal
blocks one past another. The coarse slip

a) b)

results from heterogeneous nucleation of
dislocations, caused for example by defects
already present in lamella or by local stress
concentrations appearing on lamella face.
Coarse slip take place in lamellae which are
highly defected or have block sub-structure
and also in the late stages of deformation,
when the crystals are already thinned due to
advanced fine slip and become prone to slip
instabilities,[35] while the stress concentra-
tions may arise from taut tie-molecules. As
the blocks between localized slip zones are
relatively large, the angle between the

c) d)
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Figure 4.
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Rotation of the chain axis, ¢ and lamella normal, n produced by fine chain slip (b), coarse chain slip (c),
interlamellar shear (d). In (a) orientation of both vectors in lamella prior to deformation is shown. Gray arrows

indicate direction of compression.
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chain axis and the normal to the crystal
surface does not change during the defor-
mation, i.e. no chain tilting takes place.
Thickness of the blocks in lamellae
deformed by the heterogeneous (block)
slip does not change, too. Highly advanced
coarse slip results in plastic instabilities and
can lead eventually to fragmentation of
lamellae (cf. Figure 5).

Figure 4 illustrates the rotations of the
chain direction, ¢ and the normal to
lamellar surface, n resulting from fine and
coarse slip. Additionally, rotations related
to the interlamellar shear, discussed in
the next section, are also shown. These
rotations are similar in tensile and
compressive deformation and can be
summarized as follows:

- fine chain slip — ¢ rotates towards the
direction of maximum extension (i.e.
the loading direction in the case of ten-
sion or direction perpendicular to loading
direction in compression), n rotates in
opposite direction, away of it.

- coarse slip- both ¢ and n rotate together
towards the direction of a maximum
extension.

- interlamellar shear - ¢ and n rotate
together away of the direction of a maxi-
mum extension.

Figure 5.

Scanning electron micrograph of the etched surface of
a high pressure crystallized PE after compressive
deformation at a compression ratio CR=3. Fine
and coarse slip, leading to kinks and fragmentation
can be seen. Direction of compression indicated with
arrows.
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Monitoring of these specific rotations of
¢ and n vectors with X-ray scattering
techniques allows not only to detect easily
an activity of crystallographic slip or
interlamellar shear but also to differentiate
precisely fine and coarse slips.[6524
Combination of WAXS and 2-dimensional
SAXS proved to be one of the most
powerful tools for probing the crystal slip
processes. 2-D WAXS and 2-D SAXS
patterns reveal the preferred orientation
of the chain axis, ¢ and lamella normal, n,
respectively. X-ray experiments done for
several polymers deformed in uniaxial
tension, uniaxial or plane-strain compres-
sion and simple shear confirmed the crystal-
lographic slip mechanisms as the major
active deformation micromechanisms in
semicrystalline polymers.[4636-6%] The fine
slip was found predominant mode in many
polymers, including PE, at room tempera-
ture and low or moderate strains, especially
under compression.[®892425:28.35] Rine slip
is also a main slip mode in deformation of
oriented PE, PET, Nylon-6 and PTFE
under both compression and tension. The
coarse slip is more frequent in tensile
deformation and competes with fine slip.
Its role usually increases with the increasing
total strain of the sample, in all deformation
modes.[12283931] Several examples of iden-
tification slip systems operating in samples
of textured PE can be found in.?* In this
work rotations of the chain axis was
monitored precisely with WAXS pole
figures, while rotations of lamella normal
was traced with 2-D SAXS.

Plasticity of polymer crystals, as any
other crystals, should satisfy several condi-
tions. As it is known,!®" no deficient plastic
deformation of a crystal of any orientation
requires five independent slip systems.
However, the limitations due to the
covalent nature of chain bonding and usual
low symmetry in polymer crystals allow
only for at most three independent slip
systems./>11?*] This means that the strain
cannot be fully accommodated in polymer
crystals. It is this deficit of slip that leads to
violation of integrity and nucleation of
microcracks in the regions with limited
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glide freedom;** as a result, polymer single

crystals appear brittle. However, two addi-
tional glide systems that are necessary for
the complete strain accommodation can
be provided by their adjacent amorphous
phase. Interlamellar shear in the plane
roughly perpendicular to the chain axis
effectively substitutes the lacking slip
systems in polymer crystals. Therefore,
the full strain accommodation in plastic
deformation is possible only in semicrystal-
line polymers, which in fact appear highly
ductile. Another possibility to overcome
the deficiency of deformation in spite of a
limited number of possible slip systems is
a slippage of the mosaic block within
lamellae (by two orthogonal coarse slips),
postulated by Strobl et al.'%2% Syuch a block
slippage might substitute two lacking
independent glide systems similarly to
interlamellar shear.

Along with slip two additional crystal-
lographic mechanisms of deformation,
twinning and stress-induced martensitic
phase transformation have been shown to
occur in the early stages of plastic deforma-
tion of PE.S%9%8] Similar mechanisms
were also found active in several other
polymers. These two deformation modes
are important mechanisms since they result
in plastic deformation even if slip is
geometrically unfavorable and in this way
become supplementary to slip systems.
Although both twinning and martensitic
transformation accommodate much less
strain than any slip process, they frequently
appear necessary in the deformation
sequence because they lead to a drastic
reorientation of the lattice, which in turn,
may restore favorable geometrical
conditions for the slip. The critical shear
stresses for twinning and martensitic
transformation in the a-b plane are lower
than that for slip in that plane,?*! and
only little higher than for the easiest slip
system.

The chain nature of polymer molecules
again determines that all twinning and
martensitic transformations will produce
shear strains only transverse to the
chain direction. A theoretical geometrical
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framework for predicting modes of twin-
ning and martensitic transformations in PE
crystals has been established by Bevis and
Crellin.[”")

Dislocations in Crystal Plasticity

The overwhelming evidence accumulated
over several decades is that the crystalline
lamellae of polymers, much like all crystal-
line ductile metals, deform plastically by
the generation and motion of crystal
dislocations. Screw dislocations are of
primary importance, even though the role
of edge dislocations is also evident.l”!
Crystallization of any substance is always
easier, if screw dislocations are engaged,
due to a dihedral angle benefit. The
observed density of pre-existing disloca-
tions varies widely on different specimens
and different low molecular weight
materials, ranging from a few to ~ 10%cm?.
Crystallization of polymers is also prompted
by screw dislocations. Screw dislocation
growth mechanism in polymers was reported
since a long time,”*’? in polymer single
crystals. The estimate of the number of
existing dislocations in polymer crystals is
few orders of magnitude larger than in low
molecular substances, 10°-10%cm2.3! Dis-
locations in deformed PE were directly
observed, (74761 1t was shown,[76] that they
concentrate in PE in easy slip planes and
determine the shear deformation of the
sample in the [001] direction. Screw disloca-
tions were also observed by dark-field
electron microscopy in single crystal PE
during its deformation.””"! The macroscopic
behavior of PE (o—¢ curves) was
subsequently described in a number of
publications within the framework of models
with screw dislocations, see e.g. Ref.[”).

The amount of mobile dislocations that
is present in polymer crystal is sufficient to
initiate its plastic deformation. However,
during crystallographic slip many more new
screw dislocations must be generated at
crystal edges and propagate through the
crystal in order to accommodate for
plastic flow. This process of emission of
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dislocations from the edges of the lamellae
across the narrow faces that was initially
proposed by Peterson,”7-78! explored
further by Shadrake and Guiu,[79] and more
rigorously by Young,**® is now widely
accepted.

The model of thermal nucleation of
screw dislocations from Peterson,’”7®! and
Young,**® has been shown to account
fairly well for the plastic behavior of
PE.[®182 and PP [%3 and for the yield stress
dependency on crystal thickness. FElastic
line energy calculations indicate that
nucleation of screw dislocations is more
favorable than that of edge disloca-
tions.”*# Glide is also easier for the
former,™). It has been shown that screw
dislocations parallel to the chain stems may
be nucleated from the lateral surface of thin
polymer crystal platelets upon coupled
thermal and stress activation.!””-7886]

The activation volume of dislocation
emission was determined from strain rate
jump experiments during uniaxial compres-
sion of polyethylene.!®”! The mean level of
activation volumes were of the order of 350
of crystallographic unit cells and the
estimated typical radius of the dislocation
was 3.8 nm, i.e. much smaller than the usual
lamella thickness (ca. 20nm).*¥! The
Burgers vector of such dislocation must
be short, few lattice units only. Apparently
the dislocations of such characteristics are
the easiest to generate. It is then logical to
assume similar values for the activity area
of screw dislocations arising during melt
crystallization.

The magnitude of the shear stress
needed to move a dislocation along
the slip plane was first determined
by Peierls,[sg] and Nabarro.” For
orthorhombic unit cell of a crystal it varies
exponentially with the ratio of both unit cell
axes perpendicular to the macromolecular
chain direction. For a (100) plane being the
closed-packed plane (a axis larger than b
axis) the critical resolved shear stress
reaches the minimum. That is because for
closed-packed planes the interplanar bonds
are weaker which results in lower activation
energy and lower shear stress. The result is
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that the dislocations tend to move in the
closest packed planes and in the closest
packed direction since the Peierls-Nabarro
force is smaller for dislocations with short
Burgers vector.

Similarly to low molecular crystals, the
factors limiting the deformation can be
either the nucleation rate of dislocations or
the lattice resistance to their glide (the
Peierls barriers, lattice defects). For exam-
ple, the nucleation of screw dislocations on
the lamellar surface controls the plasticity
rate in PEP?! while in quasi-single crystals
of Nylon-6, dislocation glide turns out to be
the mechanism that controls the overall
rate of plasticity.***!) The existing data
suggest however, that in most cases, the
kinetics of plasticity in polymer crystals is
controlled by the nucleation of dislocations.

Generation of Dislocations

There was a question whether the rate
controlling process in plastic flow of semi
crystalline polymers is nucleation of dis-
location or their mobility. The answer must
indicate nucleation because the number of
incorporated pre-existing dislocations is
rather insufficient to allow for an undis-
turbed slip. The dislocations must be
continually injected from the interfaces to
keep the slip alive.

As the mechanisms of dislocation
propagation is widely accepted for slip
mechanisms in semicrystalline polymers
there are uncertainties about how the
dislocations are generated. The density of
dislocation in polymer crystals is estimated
at the level from 10° to 10%cm®[%?! This
number is not sufficient to give rise to a fine
slip most often observed during polymer
plastic deformation. There must be an
efficient way of generation of new disloca-
tion in crystals. In metals and other large
crystals the identified source of dislocations
is a multiplication mechanism known as
Frank-Read source.”l The Frank-Read
mechanisms involves a dislocation line
locked on both ends. When the shear stress
is applied above a certain critical value the
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dislocation line will bow to form first a
semicircle and then the line spirals around
the two immobilized ends, forming finally
the dislocation ring which will continue to
grow and move outward under the applied
stress. At the same time the original
dislocation line has been regenerating and
is ready to repeat the whole process. In this
way a series of dislocation rings is generated
indefinitely. In polymer crystals this elegant
process can not be active because the
crystals are usually too thin for the
dislocation line to spiral up and to form a
dislocation loop.

Theoretical calculations predicted,[
and experiments confirmed, that poly-
ethylene lamellae deform easily by slip in
the direction of c-axis. Shadrake and
Guiu,™! pointed out that in the case of
PE the energy necessary for creation a
screw dislocation with the Burgers vector
parallel to chain direction can be supplied
by thermal fluctuations. It was shown that
the change in the Gibbs free energy, AG,
associated with creation of such dislocation
under the applied shear stress, 7 (ie. the
energy which must be supplied by thermal
fluctuations) is equal to:

79]

AG = @ln (L) — thlr,
2w 0

where [ is the stem length; b is the length of
the Burgers vector; K is the shear modulus
of a crystal; r is the radius of dislocations
(the distance from dislocation line to the
edge of lamellae); and ry is the core radius
of dislocations.

There are still doubts whether the model
can be applied over the entire range of
temperature, i.e. from the temperature of
glass transition to the onset of melting
process. The dispute concerns the upper
temperature of validity of this approach.
Crist,1®! suggested that the temperature of
v and « relaxation processes of PE are the
limits of applicability of the model.
Young,[%] and Darras and Seguela,[szl have
used that approach to model the yield
behavior of bulk crystallized and annealed
polyethylene at a much higher temperature.
Brooks et al.l>¥ reported the existence of a
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transition in the range from —60 °C to 20 °C,
depending on the material and strain rate,
above which the Young’s model can not be
applied. They pointed out that there is a
relationship between the transition tem-
perature and B-relaxation and suggested
that below the transition temperature the
yield process is nucleation controlled, while
above it becomes propagation controlled.
However, Galeski et al.?*! have shown that
in plane strain compression for HDPE at
80°C yielding is mainly associated with
(100) fine chain slip within crystalline
lamellae. Moreover, it was shown that for
linear polyethylene only fine slip occurs up
to the deformation ratio of 3, associated
with chain tilt and thinning of lamellae.
Only at higher deformation the widespread
fragmentation of those significantly thinned
(even up to one third) lamellae by coarse
slip takes place. That is because further
thinning by fine slip becomes unstable -
much like layered heterogeneous liquids
responds by capillary waves and breakup of
stacks of layers.!*”

Seguela,[95] proposed that the driving
force for the nucleation and propagation of
screw dislocations across the PE crystal
width relies on chain twist defects that
migrate along the chains stems and allow a
step-by-step translation of the stems
through the crystal thickness. The motion
of such thermally activated defects is
responsible for a crystalline relaxation.

In contrast, in coarse grained polycrys-
talline metals the rate mechanism of
deformation is governed almost exclusively
by either the intrinsic lattice resistance or
the resistance of localized obstacles to
dislocation motion. Dislocation nucleation
in crystal plasticity as a rate controlling
process is found only in nearly perfect
crystals or in polycrystals in the nanoscale
range.

In PE and similar semi-crystalline poly-
mers the preferred systems are those of
chain slip in planes of the largest inter-
planar separation: (100) in PE; (001) in
nylon-6. In such systems, because of the
very high longitudinal stiffness of the chain
molecules the screw dislocations with much
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narrower core can be expected to be the
most likely carriers of plasticity associated
with the rate mechanism. That hypothesis
was confirmed indirectly by Peterman and
Gleiter,™ who made the first TEM
observations of screw dislocations in PE
lamellae. For the reason that the lamellae
thicknesses are only in the nanoscale range
(1020 nm) it has been suspected for a long
time that the rate controlling process must
be the emission of dislocations from
lamellar edges under stress with the already
nucleated dislocations exiting rapidly the
lamellae on the other side. This requires
the process to be repeated continuously.
This scenario was re-examined in 2000 by
Brooks and Mukhtar,”®. Kazmierczak
et al.l®" studied deformation of PE samples
with lamella up to 170nm thick, i.e. much
above the usual 10-20 nm thickness range.
It turned out that when lamella thickness
exceeds 28 nm the mechanism of emission
of screw dislocation lines from lamella
edges must be superseded by another, more
ubiquitous one that is no longer sensitive
to lamella thickness.

In examining new possibilities for the
description of dislocation emission in
PE crystals the recently developed funda-
mental considerations by Xu et al.”7-1%]
were revisited. In the consideration of the
rate mechanism of plastic flow in individual
lamellaec the attention was limited to
deformations resulting from shear on the
(100) [001] system as it dominates over all
others. The principal local plastic deforma-
tion process is then 3 shear, promoted by
the resolved 73 shear stresses, referred to
the PE orthorhombic crystal structure,
based on the well established slip on the
(100)[001] crystallographic system.[#10%:102]

Figure 6 depicts three modes of dis-
location nucleation-controlled processes of
chain slip possible on the (100) [001]
system. The process identified as A is that
considered earlier nucleation of a fully
formed screw monolithic dislocation from
the narrow face. Clearly, as the lamella
thickness [ increases the ever increasing
activation energy of this mode will no
longer be kinetically possible. Thus, two
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(010)

Figure 6.

Sketch depicting a geometry of a typical lamella
showing the principal chain slip system (100)[001]
and the three separate modes of dislocation nuclea-
tion: A monolithic screw, B screw loop and C edge
loop. Drawn after Ref. [88].

other modes were considered: a screw
dislocation half loop nucleation, still from
the narrow face, and an alternative process
of edge dislocation half loop nucleation
from the wide face of lamellae, depicted as
processes B and C, respectively, in Figure 6.

The energetics of all three processes has
been considered rigorously by Xu and
Zhang,[*>1% based on a variational bound-
ary integral approach. Argon et al.l®®!
reconsidered  critically the previous
developments of screw dislocation emission
monolithically from edges of thin lamellae
(process A). It was shown that after
elimination of several questionable
assumptions the previously proposed
model of screw dislocation emission from
lamella edges can provide results as
accurate as the more rigorous develop-
ments of Xu. The obtained equations are
essentially similar to the formulas derived
by Shadrake and Guiu,”” although the
fundamental parameters are expressed in
terms of shear strength of the slip system in
exchange to two parameters: the radius of
dislocations and their core radius. Both
show a linear dependence of AG on
lamellae thickness.

The two other alternative dislocation
sources, B and C, for which the lamella
thickness plays no role were also
considered by Argon et al.®¥ This led to
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the expressions not involving lamellae
thickness at all.

The comparison of the compressive yield
stress calculated for all three mechanisms
with experimental data of Kazmierczak
et al®”! is shown in Figure 7. The data
points for thin lamellae are close to the
prediction of the model of monolithic screw
dislocations. The plot suggest a sharp
departure from the mode of screw disloca-
tion line nucleation to the half loop modes
roughly around 16 nm of lamella thickness.
The experiments show a more gradual
transition at a lamella thickness of roughly
28 nm. For lamellae thicker than 28 nm the
data points fall in between the models for
nucleation of edge half loops and screw half
loops.

The experiments by
Kazmierczak, et al.®’! with PE samples
containing very thick lamellae prompted a
re-examination of the Young’s model,
recently considered again by Brooks and
Mukhtar,[%] that also other alternatives
that must be taken over for thicker
lamellae. These two newly described dis-
location sources, no longer dependent on
lamellae thickness have explained well
the leveling off the plastic resistance
for lamellae thicker than approx. 28 nm.
Additionally the new approach offers
much better agreement with the published

results  of
[87]
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Figure 7.

Dependence of compressive flow stress of polyethy-
lene at 293 K and y—1=104s—1 on lamella thickness:
compared with three theoretical models, 87,88. Repro-
duced from the Ref. [88] with permission of Elsevier ©
2005.
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dependencies of the plastic resistance of PE
on temperature, as compared to the model
of Young. It also predicts the activation
volumes, which agree quite well with those
estimated experimentally.

The dependencies of tensile resistances
on temperature calculated for the mode of
monolithic screw dislocation emission from
lamella edges and those of edge and screw
half loop emissions from the large and small
faces of the lamellae, respectively, are
plotted in Figure 8. The experimental data
points of Brooks and Mukhtar,'* lie along
a line that parallels the half loop nucleation
modes and far from the prediction of the
usually considered mode of nucleation of
monolithic screw dislocations. However,
their positions are considerably below the
models of the half loop nucleation. The
discrepancy is partly due to the relatively
low level of crystallinity of ~0.538. If the
data were converted to account a crystal-
linity of 0.9 the experimental points would
move up to the dotted curve lying much
closer to the model of nucleation of edge
dislocation half loops. The predictions of
Figure 8 can suggest that the flow stress for
thinner lamellae might be governed by the

120
—— monolithic screw
(A=13.2nm)
100 4 ——-— screw half loop
— — edge half loop
* Brooks and Mukhtar
2=13. ; x=0.
g 80 ( ,32nm x_O 538)
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Figure 8.

Predictions of modes A, B and C models of dislocation
nucleations for the temperature dependence of the
tensile yield stress of polyethylene and compared
with experimental results of Brooks and Mukhtar,bs]
for their PE2 material of moderate level of crystallinity
at X = 0.538. Dotted line projects experimental results
for X=0.9. Reproduced from the Ref. [88], with
permission of Elsevier, © 2005.
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mechanism of monolithic emissions of
screw dislocations at higher deformation
temperatures and the mechanism could
switch over to that of half loop nucleation at
lower temperatures.

Deformation of Amorphous
Component and its Role in the
Plastic Deformation Sequence

There are three recognized main modes
of deformation of the amorphous material
in semicrystalline polymers: interlamellar
slip (shear), interlamellar separation and
lamellae stack rotation,!®® illustrated in
Figure 9. Interlamellar slip (Fig. 9a)
involves shear of the lamellae parallel to
each other with the amorphous layer
undergoing shear. It is a relatively easy
mechanism of deformation for the
material above T,. As shown in Figure 4
interlamellar shear produces rotation of
both chain direction and lamella normal
away of the direction of maximum exten-
sion, which allows identification of this
deformation mode. Using X-ray scattering
it was possible to show that interlamellar
slip is an important mechanism during
deformation of PE. Keller et al.l103-1%%]
found that interlamellar slip occurred
during drawing, rolling and annealing
LDPE both at and above room tempera-
ture and suggested it was the principal
deformation mechanism above 80°C.!'%]
The occurrence of interlamellar shear in

undeformed a) b)

EFEs

Figure 9.

other polymers was widely reported.[zﬁ’&g’lz]

It was established that the recoverable part
of deformation can be almost entirely
attributed to the reversible interlamellar
slip.[192023:29.3143] T i due to the structure
of the amorphous component constituting
a molecular network of entangled chains
closely connected to the adjacent crystalline
lamellae through tie molecules. Such a
network should demonstrate the hyperelas-
tic rubber-like behavior. As the entangled
chains and tie-molecules connecting crystals
become extended on deformation, they tend
to pull the crystals back to their original
positions when the sample is unloaded.
Interlamellar separation (Figure 9b) is
induced by a tensile stress component
perpendicular to the lamellar surface.[1%]
It is responsible for thickening of inter-
crystalline layers in a sample and an
increase of the long period in the direction
of tension. As the amorphous phase
behaves like a perfect rubber, this type of
deformation should be difficult since a
change in the lamellae separation should
be accompanied by a transverse contrac-
tion, which is however, hindered by lateral
constraints imposed by crystalline lamella
on the amorphous layers, so that the
deformation must involve a change in
volume. Since rubbers generally have high
bulk modulus and relative low shear
modulus, they are usually resistant to
volume changes (the Poisson ratio=0.5).
This is frequently a source of the cavitation
within amorphous layer between lamellar

c)

Deformation modes of the amorphous phase: (a) interlamellar slip (shear), (b) interlamellar separation, (c) stack

rotation. Drawn after Ref. [6].
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crystals.[z’lz’loé] The deformation resistance
to interlamellar separation depends on the
amount of active tie-chains and on their
length distribution, as well as on the
transverse size of crystallites. Two mechan-
isms are possible for the implementation of
this deformation mode: either cavitation,
leading to the formation of voids or crazes,
or plastic flow of the amorphous material
into structural traps,>°! like sites with a
poor chain packing. The flow into such traps
is preferable in structures with thin and
narrow lamellae, which allow a lateral
compression of the amorphous layer along
the interfaces during a deformation. How-
ever, such a compression is much con-
strained in a structure with wide lamellae,
which favours the separation mode with the
appearance of cavitation. However, cavita-
tion increases the deformation resistance of
interlamellar separation, as a new interface
must be created. A cavitation-free flow of
the amorphous material, surrounding the
lamellae, into structural traps is frequently
impeded since ruptures of tie-chains may
be necessary in this case. Therefore, the
most likely mechanism, which facilitates
cavitation-free processes and thus reduc-
tion of the deformation resistance of
the amorphous layer, is the cooperative
bending of lamellae (kinking) between
local bridges of tie-molecules.['?7:1%8]

When the lamellae arranged in stacks
are embedded in the amorphous matrix
then these stacks can be easily rotated
under the action of the stress (Figure 9c).
Rotations alone do not lead to any increase
of the strain. However, they can help the
strain accommodation by crystals, as taking
place simultaneously with interlamellar
shear, interlamellar separation and crystal-
lographic slip processes.

As soon as the elastic deformation is
completed some plastic rearrangements of
amorphous phase on the microlevel are
involved in the process. The plastic defor-
mation of a semicrystalline polymer with a
soft amorphous phase (Tyer>7,) begins
with shape changes of polymer coils and
chain fragments in the amorphous phase.
Rubbery layers partitioning crystallites are
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the most compliant structural regions in the
material. Due to low deformation resis-
tance,*! they are able to deform already
at quite low external stresses, much earlier
than any crystallite. However, as deforma-
tion advances, the easy path of the free
unconstrained deformation in the amor-
phous phase becomes quickly exhausted,
because both amorphous and crystalline
components are highly connected and must
deform together starting from some low
strain level. The chains crossing the crystal-
amorphous interfaces, anchored firmly in
the crystalline regions, constrain an inde-
pendent deformation of an amorphous
material even at low overall strains. In
the amorphous phase, stresses increase
quickly with deformation; these stresses
transferred to the crystalline phase soon
approach the level when the plastic flow of
crystallites begins. Crystallites become
involved in the plastic flow when the critical
resolved shear stress for the easiest slip
system is reached. From this point on
the plastic deformation of crystallites
begins to control the whole deformation
kinetics of the sample, while the amorphous
layers merely adjust themselves to the
deformation of crystalline component.
The entire deformation process is
reduced then to simultaneous, combined
deformation of both components. This
control dominates until the breakdown of
crystallites.[19’20’28’31’35]

Figure 10 shows an evolution of the
equivalent stress in crystalline and amor-
phous components of PE.*! During a
deformation the molecular network in the
amorphous layers is stretched and chain
segments tend to orient themselves in the
direction of a maximum extension. As a
result the stress needed for further defor-
mation of the network quickly increases. In
the range of higher strains the stress
increases substantially over the stress
related to the deformation of crystalline
phase. On the other hand, the slip processes
in polymer lamellae are controlled by the
nucleation of dislocations and these gliding
dislocations are necessarily pushed out of
the thin crystal core into the interface, i.e.
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Figure 10.

The dependence of normalized equivalent stresses in
amorphous (1) and crystalline (2) phases of PE on
equivalent strain, under uniaxial compression, Taken
from the Ref. [4], with permission of Elsevier, © 1993.

are not trapped in the crystal.’l This
property of thin lamellar crystals may
explain an important specific feature
of deformation — the absence of strain
hardening in polymer crystals.!*>! Strain
hardening observed macroscopically in a
semicrystalline polymer is related rather
to the orientational hardening of the
amorphous phase and, to a less extent, to
reorientation of crystals due to crystal slip
(change of the Schmid factor) in later stages
of the process.

When the early stages of an independent
interlamellar shear are exhausted (by
stretching of tie molecules) the crystalline
lamellae start to deform along, according to
the crystallographic mechanisms. Such a
deformation initially proceeds with very
little constraints from an amorphous
material, which is simply carried along,
yet at certain point the deformation of
the amorphous phase accompanying defor-
mation of crystallites locks due to an
ultimate stretch of tie-molecules, leading
to a very high deformation resistance (true
strain above e = 1-1.2,12%3%)) At this point a
widespread joint structural rearrangements
begin. The taut tie-molecules generate
stress concentrations on lamellae surfaces,
which together with slip instabilities lead
to slip localization. As a consequence,

Copyright © 2010 WILEY-VCH Verlag GmbH & Co. KGaA, Weinheim

lamellae undergo splitting and heavy frag-
mentation into blocks, while the interface
undergoes intense movements between
crystalline and amorphous component.
This includes incorporation of some tie-
molecules into crystallites (in the form of
packing defects) and transfer of some
fraction of the crystalline phase into
the ordered fraction of the amorphous
phase. During such rearrangements the
interfaces become diffuse and even may
almost dissolve in the highly textured
material>?7'%! while the amorphous
phase becomes extremely oriented and
ordered. In highly deformed polyethylene
by plane-strain compression the crystals
produce a sharp single component texture
(‘quasi single crystal’) while a pseudo-
hexagonal packing is developed in the
amorphous phase.”” The hexagonal
domains become not only well packed
and organized in the deformation process
but also adjust to the register, which is
coherent with the orthorhombic lattice of
PE crystallites: (100) planes of hexagonal
domains in the amorphous material coin-
cide with (100) planes of orthorhombic
crystals. Such very high ordering allows
amorphous domains to become capable
of transmitting the chain slip from one
crystallite to another — dislocations can
move from one crystallite to another
through the “structured” amorphous
phase.[2’59]

For an analysis of the macroscopic
stress-strain data the deformation behavior
of the soft amorphous phase (above T,) can
be approximated successfully with simple
equations of rubber elasticity, especially in
the strain hardening range, where the
deformation of crystallites is nearly com-
pleted. In such an approach the overall
structure of a semicrystalline polymer is
considered as consisting of two semi-
continuous interpenetrating networks: a
skeleton made of crystallites and the
molecular network of entangled chains in
the amorphous phase.'*?"! In modelling of
the true stress-true strain curves it is
possible then to represent the true stress
as a sum of the nearly constant plastic
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response of crystallites and the increasing
stress related to the deformation of the
macromolecular network,[llo"llzl the latter
being described by equations of rubber
elasticity. Gaussian!'*?%!12113] a5 well as
non-Gaussian?***11%11 chains were used
for that modelling of the stress-strain
behavior.

Deformation Models

Because of the structural and morphological
complexity of semicrystalline polymers
several models of their plastic deformation
were developed in the past to describe the
entire deformation sequence. Three of
them are mostly discussed at present: the
melting—recrystallization model,?”**! the
crystallographic  model,[68916:3531 3pd
the Peterlin’s micronecking model.[?3+114]

The melting-recrystallization model and
the crystallographic model - discussed in
the previous sections - are based on
different physical principles. The first of
them introduces the concept that yielding
and the subsequent plastic flow take place
via partial melting of crystallites. It is well
known that the initial structure of semi-
crystalline polymers undergoes significant
transformations as a result of deformation.
The commonly reported observation that
the fibril long period of various semi-
crystalline polymers plastically drawn far
beyond the yield point depends only on the
draw temperature,’>!" led a number of
authors to hypothesize that the crystalline
phase must undergo a strain-induced melt-
ing and subsequently recrystallizes during
the drawing process, which leads to a new
polymer morphology and to the orientation
of newly formed crystallites with chains
along the direction of the maximum exten-
sion. The recrystallization of the molten
material and the appearance of a predomi-
nant chain orientation reduce the local
stress level; this is supposed to be the
thermodynamic driving force of the plasti-
city process. This concept, first formulated
by Flory and Yoon,*”) more from intuition
than from experimental facts, is regularly
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taken as a testimony for the phenomenon
reality.") However, the approach as a
whole and its basic idea evoke also a serious
criticism.5>11%117] Very interesting, critical
discussion of the melting-recrystallization
model can be found in the recent reviews of
Oleinik,[z] and Seguela.[lgl

There were many experimental attempts
to prove the correctness of the melting—
recrystallization model. The strongest
argument in favor of the model is the
decrease in the long period as a result of
stretching.**'"51 Small angle neutron
scattering, demonstrating a decreasing
ordered cluster size in the deformed
samples, was also intensively used to
confirm the model.M*1?° The arguments
however, are not very convincing, because
crystallographic models also allow a suffi-
cient number of reasons for a decrease in
the crystallite dimensions as a result of the
plastic deformation (thinning of crystallites
due to slip, loss of thermodynamic stability
in thinned crystallites, fracture of lamellae
into mosaic blocks),?!. A serious flaw of the
melting-recrystallization model is its failure
to explain the yielding process, even semi-
quantitatively. Many present-day results
however, convincingly prove that the
yielding process in semicrystalline poly-
mers always coexists with crystallographic
slip processes in lamellae and the yield
stress correlates well with thermal nuclea-
tion of dislocation, controlled by the crystal
thickness. The results indicate that the
plasticity of PE, at least at its early stages,
cannot be considered without crystallo-
graphic concepts, and so melting is irrelevant
here.”! Then, if macroscopic yielding does
not begin according to the melting
mechanism, only large strains remain for
the realization of plastic flow within the
framework of the melting concepts. How-
ever, there are many processes that occur via
fragmentation of crystallites, via their
splitting into blocks at large strains, and
no melting is required for them. All
these processes take place according to
mechanisms of the crystallographic origin.[zl

There is much published experimental
evidence supporting the crystallographic
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approach, discussed in previous sections.
The directly observed processes of a gradual
reorientation of chains during polymer
deformation in compression,?#2>28351 or
the results concerning the deformation of
quasi-single crystals textured samples provide
information on the predominant role of
crystallographic slip in the PE and PA-6
deformation.”**! The inter- and intra-
crystallite shears observed using various
techniques unambiguously confirm the
crucial role of crystallographic processes in
the plastic deformation of such objects.[>68*]

The model proposed by Peterlin, 3331141
has a special status today. It undoubtedly
remains the most popular model, in spite of
its extensive criticism. The pioneer works by
Peterlin and coworkers on the large scale
plastic deformation of semi-crystalline poly-
mers have led to the elaboration of the
first complete model describing the trans-
formation of the original chain-folded
lamellar morphology into the partially
unfolded-chain fibrillar structure. In that
model, the plastic yielding is ascribed to the
shearing of the crystalline lamellae followed
instantly by their fragmentation into crystal
blocks,[®! as shown schematically in
Figure 11. The model assumes that the
transformation of lamellar groups into fibrils
during stretching of the initial isotropic
spherulitic structure proceeds through
formation of numerous ‘micronecks’, which

a)

originate on microcrack boundaries and
appear in lamellae during their deformation.
In that process folded-chain blocks detach
themselves from the lamella, turn with the
chain axis in the direction of stretching, and
then become incorporated into microfibrils.
The resultant fibrils consist of alternating
crystalline and amorphous regions.[*>34
The necessary condition for ‘microneck-
ing’ is cavitation, since cavities, which must
emerge in the stretched sample remove
mechanical constraints on the block rota-
tions. Only cavitations allow a further
incorporation of blocks detached from their
lamellae into fibrils, as pictured in the
model. However, as was demonstrated
convincingly, cavitation, being the key
stage in the Peterlin’s model is not
necessary in other modes of deformation
than tensile,”>>%3): morphological trans-
formations from initial isotropic structure
into microfibrils during plastic deformation
can take place also without formation of
any cavities or microvoids in the regime of
plane-strain or uniaxial compression. In
these cavity-free modes the plasticity in
lamellae develops according to crystallo-
graphic mechanisms, primarily crystallo-
graphic chain slip. A multiple repetition
and combination of various slip modes
leads to a complete transformation of the
initial polymer morphology into a new
highly oriented structure, and to a new long

b)

N—0

W@%
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Figure 11.

==

The Peterlin’s model for transformation from lamellar (a) to fibrillar (b) morphology on drawing a semicrystalline

polymer. Arrow indicates increasing strain.®34
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period; all of this taking place without
crystallite melting and without cavitation.
The initial crystallites undergo a series
of continuous crystallographic transforma-
tions to reach the final morpho-
logy,!*>32%35] This implies that the model
proposed by Peterlin should be
revised,>'31 1t seems that it can describe
deformation sequence in tension, yet fails
completely when other deformation modes
are taken into account. On the other hand,
the crystallographic approach can explain
the full deformation sequence in any
deformation mode, without invoking any
catastrophic events like ‘micronecking’ or
melting-recrystallization  transformation.
Cavitation, if happens in a particular
sample or the deformation mode, is merely
a side-effect, which seems a non-essential
for the plastic deformation process and
related transformation of the polymer
morphology.ps]

Recently, Strobl et all
focused on the aspects of the deformation
of semicrystalline polymers related to the
macromolecular network in the amorphous
phase. They studied in details the tensile
deformation and recovery behavior of
several semicrystalline polymers, including
PE and found a very interesting and quite
simple deformation scheme, which was also
found in all other polymers studied. The
main feature of this universal behavior
is that the process of deformation is
controlled by the strain rather than stress.
Along the true stress-true strain curves the
differential compliance, recovery behavior
as well as the crystalline texture change
simultaneously at well defined points.
Four characteristic transition points were
identified and ascribed to activation of
various deformation mechanisms,™. The
critical strains at which these transitions
take place were found nearly invariant over
various strain rates and drawing tempera-
tures,[zo’lzzl as well as chain architecture
or crystallinity of a polymer,'*1?2124 n
contrast, the corresponding stresses varied
significantly with crystallinity as well as with
strain rate or temperature of deformation.
The invariance of critical strains, i.e. the

19-23,32,122-125]
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strain control of the deformation behavior,
implies that the strain can be considered as
homogeneous in a semi-crystalline polymer
upon its deformation. Active crystallo-
graphic slips supported by interlamellar
shear modes offer sufficient degrees of
freedom to achieve that.[>]

Upon deformation at temperature
above T, the load is transmitted by two
interpenetrating networks: the skeleton of
crystallites and the rubber-like entangle-
ment network of the amorphous regions.
However, with an advance of the deforma-
tion process, the respective weights change.
At low strain, the highly compliant amor-
phous phase can deform considerably more
rapidly than the crystalline phase, yet its
contribution to the plastic deformation is
limited due to the constraints imposed by
adjacent crystals through chains crossing
crystal-amorphous interface (tie-molecules,
cilia and loose loops, entangled with other
chains in the amorphous phase), and its
principal role is to transmit load to and
between crystalline lamellae,[>*126127],
However, at high strain the increasing
network forces become dominant, which
manifests itself in a strong amorphous
phase orientation hardening and conse-
quently the macroscopic strain harden-
ing.[¥! Correspondingly, the yield point
(point B of the scheme) is a property of
the crystalline skeleton, which above that
point is continuously readjusted by operat-
ing slip systems. Much more compliant
amorphous layers, intimately connected to
crystallites follow the changes of crystallites
orientation, undergoing interlamellar shear
up to the next critical true strain of e =0.6
(point C), where stresses generated in the
stretched network of amorphous chains
become high enough to trigger fragmenta-
tion of adjacent crystallites,!'). Finally, at
high strains (point D, e =1), deformation
behavior becomes dominated by forces
produced by the stretched entanglement
network of the amorphous phase.

Studies of high strain deformation and
recovery behavior of other polymers such
as PET, PBT or Nylon-6, (128-133] generally
confirmed the deformations scheme
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proposed by Strobl. Moreover, the studies
of a broad range of polyethylenes deformed
in compression by Bartczak et al. (28-31.134]
demonstrated that the Strobl’s scheme is
valid not only in the tensile but also in
compression deformation mode and can be
considered as an universal deformation
scheme. This scheme, proposed by Strobl
et all" and refined by Bartczak,*
consisting of 4 characteristic points of
nearly invariant strain can be summarized
as follows (cf. Figure 12):

(A) the end of the elastic proportionality
range; the onset of isolated inter- and
intralamellar slip processes (true
strain, e ~0.02),

(B) a merge of local slip events into a
widespread, collective activity of crys-
tallographic slips and interlamellar
shear; macroscopic yield point is
reached (e ~0.1)

(C) exhaustion and a temporary lock of
the shear of amorphous layers due to
full straining of tie-molecules, which
causes some stress concentration
in lamellae, resulting in the slip
localization and lamellae cooperative
bending, kinking and/or limited
fragmentation. This releases partially
the constraints imposed on amorphous
phase and restores its deformability
along an easy deformation path at
low stress (e ~0.6)

(D) the second lock of the shear of amor-
phous layers due to full stretch of the
molecular network. Corresponding
stress increase leads to a massive frag-
mentation of lamellar crystals into small
blocks due to severe slip localization
(slip instability) in lamellac already
thinned substantially by advanced fine
slip. This fragmentation releases con-
straints, which in turn allows rotations
and restructurization of highly sheared
crystal blocks, resulting in appearance
of a new long period in the direction
of extension (formation of the final
fibrillar structure). Strong orientation
hardening of the amorphous phase
brings an onset of chain disentangle-

Copyright © 2010 WILEY-VCH Verlag GmbH & Co. KGaA, Weinheim

ments, leading to partial destruction of
the molecular network (e~0.9-1.2,
depending on the molecular network
density).

Experimental evidence demonstrated
that the origin of the transformation at
the true strain near e = 0.6 (point C) is the
exhaustion and locking of the interlamellar
shear of the amorphous layers due to
ultimate extension of tie molecules. This
leads to stress build-up and consequently to
localization of crystallographic slip (stress
concentrations at interfaces around points
of tie-molecules entrance into lamella),
which results in a limited destruction of
the lamellar structure. While in the less
constrained conditions of the tensile defor-
mation this process actually leads to a
widespread destruction of the existing
lamellar structure and formation of micro-
fibrils, in compression experiments, where
much stronger deformation constraints are
present, it results merely in a very limited
lamella fragmentation mostly by coopera-
tive kinking of stacked lamellae (see
Figures 5 and 13). In both cases however,
fragmentation and subsequent rotations of
crystals bring a partial release of constraints
in amorphous layers, which allows further
deformation of both crystalline and amor-
phous material along a relative easy
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Figure 12.

The true stress-true strain curves of PE samples of
various molecular mass deformed in the plane strain
compression with 4 critical points marked. Insets
show 2D-SAXS patterns obtained for HDPE-1 at
point C (lamella kinking) and D (fragmentation and
restructurization).28:3031
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Figure 13.

TEM micrograph of ultra-thin section of PE deformed
to the true strain of e=0.8. Arrow indicates the
direction of compression loading (LD). Direction of
flow is perpendicular to LD in the plane of section.
Reproduced from the Ref. [31] with permission of
Elsevier © 2005

deformation path, without much stress
built-up.

A more advanced destruction of
lamellar structure can happen in compres-
sion later, at higher compressive strains,
well above e =1., although only in samples
of relatively low molecular mass or at high
deformation temperature.[**3!] Samples of
higher molecular mass do not undergo such
an intense process of lamellae fragmenta-
tion in compression at room temperature

even at high strain. Both lamellar kinks or
more advanced, heavy destruction of
lamellar structure lead to a substantial
reorientation of crystallites to favor further
advance of chain slips as well as to some
modification of the topology of the
entangled network in adjacent amorphous
layers, which relieves temporarily some of
the deformation constraints. The transfor-
mation replacing initial lamellae with the
new structure is shown schematically in
Figure 14. All these phenomena allow for
further accommodation of the strain by
chain slip in the crystalline lamellae and
accompanying shear of interlamellar amor-
phous layers, although the stress increases
substantially due to orientation hardening
of the amorphous phase.

To produce a truly irreversible deforma-
tion of a semicrystalline polyethylene it is
necessary to deform it to the strain of at
least e=1.0 (point D of the deformation
scheme). Up to this point, nearly all strain
related to the deformation of amorphous
part can be recovered either by prolonged
storage or annealing at high temperature.
However, with an increasing strain the
stress generated by stretching the entangle-
ment network becomes high enough to
modify or partially destroy that network.

Figure 14.

Sketch of the process of lamellae fragmentation a the strain around e =1—1.2, leading to formation of new long
period. Drawn after the Ref.3 with permission of ACS © 1992.

Copyright © 2010 WILEY-VCH Verlag GmbH & Co. KGaA, Weinheim
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Consequently, at the strain of above
e=1.0-1.2 a gradual dissolution of the
network by chain disentanglements sets in.
This leads to a permanent, totally irrever-
sible plastic flow of the amorphous compo-
nent in addition to the irreversible plastic
deformation of the crystalline component
and consequently to the erasure of the
‘memory’ of the undeformed macro-state
of the material.

That universal deformation scheme,
outlined above, relies on deformation
micromechanisms which are predominantly
of crystallographic nature. Plastic deforma-
tion starts at the yield point with wide-
spread crystal slip processes, supported
by interlamellar slip in the amorphous
component. Occasionally, twinning modes
and martensitic transformations are
engaged.?*?>331 Also other phenomena,
occurring at larger strains are closely
related to the crystallographic mechanisms,
e.g. fragmentation of lamellae results from
a heavy localization of the slip process and
its change from fine to coarse mode. The
discussed scheme shows additionally quite
clearly the deep mutual influence and
cooperative deformation of both crystalline
and amorphous components. This coopera-
tion is the primary source of exceptional
ductility of semicrystalline polymers. The
obtained results demonstrates clearly that
the cavitation, necessary in the Peterlin’s
model, is really unessential in producing
high deformation and appearance of the
final highly oriented structure. This can
be effectively accomplished with only
crystallographic mechanisms employed.
Cavitation happens only in the less con-
strained deformation modes, as uniaxial
tension. In such a case, it makes easier the
final transformation to fibrillar structure,
yet this can be achieved also in cavity-free
modes (although a higher stress is then
generated). It should also be noted,
that crystallographic mechanisms lead
to thinning of lamellae (fine slip),
their fragmentation into blocks, and
consequently can result in a reduction
of the crystallinity of the deformed
material.>%893 This means that the initial

Copyright © 2010 WILEY-VCH Verlag GmbH & Co. KGaA, Weinheim

crystallites in the deformed material can
become defective and sometimes even
completely disappear (when the block size
is reduced to the critical one and the
crystallite becomes thermodynamically
unstable). These features, surely related
to crystallographic mechanisms, are
actually the same as those used to support
a melting-recrystallization model.

Conclusion

The progress in research of the deformation
of semicrystalline polymers achieved in last
years allowed better understanding of this
process. It is now very well established that
the plastic deformation of a semicrystalline
polymer is a complex series of continuous
processes, that involve several mechanisms,
mostly of crystallographic nature. Studies
on plastic deformation in cavity-free
modes demonstrated clearly that any
discontinuous, ‘“‘catastrophic” process is
not necessary to achieve large strains. That
finding is opposite to the ‘“‘micronecking”
model proposed long time ago by Peterlin.

The most important mechanism of
plastic deformation of crystalline phase
is the chain slip, supported by transverse
slip and in some polymers by twinning and/
or stress induced martensitic transforma-
tions. A very important role in the
deformation sequence is played by the
partially reversible shear deformation of
amorphous interlamellar layers, producing
not only high orientation of amorphous
component but also influencing deeply the
deformation of crystalline phase, since
both phases are strongly connected
and must deform simultaneously and
consistently.
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